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The remarkable mechanical properties of nanocomposite coatings, such as superhardness,
high elastic modulus and recovery, excellent resistance against cracking, low wear rate, and
high thermal stability, are due to their unique structures and deformation mechanisms at the
nanometer scale. In this paper, recent advances are reviewed mainly with respect to the
understanding of the origin of superhardness in nanocomposite coatings. A few controversial
issues relevant to the identification of superhard coatings are mentioned. Also discussed are
several models, based on analyses and simulations at different levels from continuum to
atomistic scales, to elucidate likely superhardening mechanisms. Finally, some open problems
and continuing challenges are highlighted. C© 2006 Springer Science + Business Media, Inc.

1. Introduction
Recent interest in superhard nanocomposites (defined as
those with Vickers hardness H ≥ 40 GPa; for compar-
ison, diamond with H = 80–100 GPa is believed to be
the hardest material in nature), especially in the form
of thin films or coatings, is mainly driven by their un-
usual mechanical properties, potentially wide engineer-
ing applications in durable machining and forming tools,
precision dies/moulds, microelectronic and mechatronic
devices, and growing demand for “green production” like
dry machining without using any environmentally haz-
ardous coolants [1–10]. Compared to a large number of
traditional hard materials such as titanium nitride (TiN), a
most widely used hard coating material with H ≈ 20 GPa,
only a few superhard materials are available, e.g., cubic
boron nitride (c-BN, H ≈ 50 GPa), amorphous diamond-
like carbon (a-DLC, H ≈ 65 GPa), and polycrystalline di-
amond (H = 70–80 GPa) [7–10]. Unfortunately, these su-
perhard materials are thermodynamically unstable, which
has severely limited the range of their applications. The
high solubility of carbon in steel, silicon and other alloys
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restricts diamond-coated cutting tools to the machining
of aluminium and its alloys. Similar problems exist in c-
BN-coated cutting tools due to the high chemical affinity
of boron to iron [9]. Thus, it is not surprising that many
endeavours have been devoted to searching novel super-
hard materials, especially nanocomposite coatings with
superhardness.

Generally speaking, there are two main types of
superhard coatings: multilayered (or superlattice) and
nanocomposite coatings. Experimental results showed
that the overall hardness of multilayered coatings,
with individual layers or phases in the range of 5–10
nanometers, is greater than their individual components
or those obtained in terms of the rule-of-mixtures. Here,
reasons for the hardness enhancement of multilayered
coatings are rather complicated and influenced by many
factors [11]. Although their hardness is very sensitive
to the superlattice period, cutting tools coated with
multi-layers have been widely used in commercial
products. Nanocomposite coatings, however, are still
at the early stage of development, and the origin of
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superhardness is far from being understood. In general, a
superhard nanocomposite coating comprises two or more
phases that are either mutually immiscible and form very
fine dispersions of a single phase embedded in a second
amorphous phase, such as nanocrystalline TiN and
amorphous Si3N4 (nc-TiN/a-Si3N4), nc-W2N/a-Si3N4,
and nc-TiN/a-TiB2, or contain two nanocrystalline
phases, such as nc-TiN/BN, nc-TiN/AlN, etc. [7, 9, 12,
13]. In contrast to c-BN and polycrystalline diamond,
nanocomposite coatings are thermodynamically more
stable, resistant against oxidation at elevated temperature,
and feasible in deposition processes. Meanwhile, they
can be readily scaled up from laboratory prototypes to
industrial production requirements. Similar strategies
were also developed for creating high-hardness and
toughened ceramics, by using nanometer-size crystals
formed by devitrification of a glass matrix, in which nano-
crystalline alumina-rich phases are dispersed throughout
the amorphous, non-crystalline glassy matrix [14, 15].

Important progress has been achieved in the past two
decades to develop new nano-structured materials in a
controlled manner. Nano-structured crystalline compos-
ites exhibit mechanical properties that differ significantly
from those of their components in bulk forms [16, 17]. It is
commonly believed that the remarkable mechanical prop-
erties of nanocomposite coatings, such as superhardness,
high elastic modulus and recovery, excellent resistance
against cracking, low wear rate, and high thermal stabil-
ity, originate from their peculiar nano-structures and high
density of interfaces. However, a better understanding to-
wards intrinsic superhardening mechanisms is still one of
the fundamental but yet unsolved subjects. In this paper,
recent advances on understanding the origin of superhard-
ness in nanocomposite coatings are critically reviewed. A
few controversial issues relating to the identification of
superhard coatings and the measurement of hardness are
discussed. Several typical models at different scales are in-
troduced to illuminate likely superhardening mechanisms.
Finally, some open problems and continuing challenges
are highlighted.

2. Pseudo-superhardness and stability
The hardness of a material is usually defined as:

H = Pmax

A
(1)

where Pmax is the maximum applied load, and A is the sur-
face or projected area of impression. It is obvious to see
that, the harder a material the more difficult it is to make an
indentation or scratch. Traditional methods of measuring
hardness, such as Vickers, Brinell, Knoop, Berkovich, and
Rockwell tests, although simple and convenient, involve
too many variables to provide a scientific definition of
hardness. Hence, there is not an absolute scale for hard-

ness, and the different types of tests measure different
things [18 , 19]. For the Vickers test, A is the total surface
area of indentation. Thus, the Vickers hardness is approx-
imately equal to the average pressure under an indenter at
yielding [20].

2.1. Instrumented indentation
The instrumented depth-sensing indentation technique in-
troduced by Oliver and Pharr [21] has been widely applied
in testing mechanical properties, such as elastic modulus,
hardness, and fracture toughness of thin films and small
volumes of materials, the three fundamental modes of de-
formation in solids – elasticity, plasticity, and fracture.
It provides a direct approach for the identification of su-
perhard nanocomposite coatings, where the number of
test variables is reduced to a manageable level and their
mechanical properties can be determined directly from
indentation load-displacement curves without the need to
image the indent impression [22]. However, since there
is still a lack of an absolute definition of hardness [23],
clarifying the implication of hardness and further super-
hardening mechanisms is of utmost importance in the
search for novel superhard materials.

Using the nanoindentation method to measure the
hardness and elastic modulus of a nanocomposite coating,
three important quantities must be determined from the
load-displacement curves during one cycle of loading
and unloading: the maximum load Pmax, the maximum
displacement hmax, and the elastic unloading stiffness S =
dP/dh [21, 22]. Thus, the measurements of hardness and
elastic modulus are mainly based on the unloading curve
shown schematically in Fig. 1. A typical example of
nanoindentation tests on nc-TiN/a-SiNx coatings with the
Si content of 8.6 at.% is shown in Fig. 2 [24]. Although the
nanoindentation method has facilitated the measurement
of mechanical properties at small scales, it seems not so
easy to obtain the intrinsic values of hardness and elastic
modulus of nanocomposite coatings since there are many
factors that could influence the results. External factors
include indenter geometry, tip rounding, test machine
compliance etc.; and internal (material-related) factors
include pile-up and sink-in, indentation size effect,
surface roughness, residual stress, thickness of a coating,
substrate etc [20–26]. This has led to claims that super-
hard or even ultrahard (H > 70 GPa) coatings are caused
by artifacts in synthesis or measurement [27, 28].

Since there is a very high elastic recovery for superhard
nanocomposite coatings, a direct and instructive approach
for identifying superhard coatings is to compare the whole
indentation curves with those of well-defined materials
like diamond. According to the classical Hertzian elastic
indentation solution, we have P ∼ h3/2. In the first ap-
proximation, there should be a linear relationship in the
log-log plot [29]. For example, the Hertzian plots for di-
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Figure 1 Schematic of indentation load-displacement curves for hard and
superhard coatings, where three important parameters are shown. For su-
perhard coatings, the elastic recovery may be up to 80% or even ≥ 90%.

Figure 2 Nanoindentation load-displacement curve from nc-TiN/a-SiNx

coatings with a Si content of 8.6 at.%. The inset is an AFM image after the
nanoindentation test [24].

amond and nc-TiN/a-Si3N4/a- (or nc-TiSi2) are shown in
Fig. 3, where experimental data follow a straight line with
slopes of 1.71 and 1.67, respectively [30]. Here, the small
difference from the true Hertzian slope, 3/2 = 1.5, can
be attributed to the influence of inelastic deformation and
geometry of the Vickers indenter.

2.2. Indentation size effect
To avoid the influence of a substrate on the hardness mea-
surement of a coating, the maximum indentation depth
should not exceed about 10% of the thickness of the coat-
ing according to a rule-of-thumb criterion [31]. There-
fore, the so-called indentation size effect, i.e. an increase
in hardness with decreasing indentation depth in the sub-
micrometer or nanometer range, has to be considered in
the measurement of the intrinsic hardness of a nanocom-
posite coating. By introducing material scales into a phe-
nomenological model, a strain gradient plasticity model
was developed to describe the size effect behavior for
crystalline materials [32]. It is noted that large strain gra-

Figure 3 Applied load versus indentation depth for nc-TiN/a-Si3N4

nanocomposites and nc-diamond, where the dotted line indicates the
Hertzian plot with a slope of 3/2. Data from [30].

Figure 4 Hardness versus indentation depth for AlN thin films, where the
dotted line is the best fitting curve by Equation 2. The inset displays the
data in a plot of H2 vs 1/h.

dients inherent in small indentations lead to geometrically
necessary dislocations. Using this concept, Nix and Gao
[25] obtained the following expression for the increase in
hardness H as a function of indentation depth h:

H

H0
=

√
1 + h∗

h
(2)

where H0 is the hardness in the limit of infinite depth and
h∗ is a characteristic length that depends on the shape of
the indenter [25]. As shown in Fig. 4, the indentation size
effect on the hardness of nano-structured AlN coatings is
fitted well by Equation 2, and the intrinsic hardness value
H0 = 20.0 GPa obtained is in good agreement with other
tests or calculations [33].
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It is worth noting that Equation 2 was developed for
ductile crystalline materials. It is easy to see that, based
on Equation 2, a large value of H0 would cause h∗ to be
very small. That is, hardness depends weakly on depth
at a given level of indentation. However, a recent study
on the nanoindentation tests of Ti-Al-N thin films showed
that hardness increases exponentially as the indentation
depth decreases [34]. This implies that there exist some
new deformation mechanisms rather than dislocation pile-
ups, which are responsible for the indentation size effect
of superhard nanocomposite coatings. It is also worth
noting that the influence of the substrate on hardness ex-
ists even if the indentation depth is less than 10% of the
thickness of the coatings [35]. In fact, many deposited
nanocomposite coatings have significant micro-structural
gradients through the thickness of coatings, which also
affect the measurement of hardness. Thus, this is still an
important problem to be considered in the measurement
of their intrinsic hardness since the maximum indentation
depth is usually less than several tenths of a micrometer
in nano-indentation tests of superhard coatings.

2.3. Residual stress
The influence of residual stress on the hardness and stabil-
ity of superhard nanocomposite coatings is another impor-
tant factor mostly considered in fabrication and measure-
ment [36, 37]. The residual stress σ r can be conveniently
evaluated from the measured curvature radius R of a coat-
ing using the relationship:

σr = E

6(1 − ν)

t2
s

tc R
(3)

where E and ν are elastic modulus and Poisson’s ratio of
the substrate, tc and ts are thickness of the coating and
substrate, respectively [38 ].

There are two main kinds of fabrication method for su-
perhard coatings: chemical vapor deposition (CVD) such
as plasma induced techniques; and physical vapor depo-
sition (PVD) such as arc evaporation and reactive mag-
netron sputtering [9]. Since high temperatures are needed
for thermal CVD in the material system like Ti-Si-N,
no hardness enhancement has been reported [39]. Con-
versely, a high biaxial compressive stress is commonly
observed in PVD deposited films at a very low sputtering
pressure. Thus, the low thermal stability and hardness re-
duction upon annealing to ≥400◦C are due to either the
relaxation of a high biaxial compressive stress left in films
during deposition or a miscibility of compositions. Fig. 5
shows that superhard coatings can be achieved when the
biaxial compressive stress reaches a value of ∼3 GPa
or less [40]. This provides an effective superhardening
method, but the thermal stability of these nanocompos-
ite coatings is very low. For example, HfB2 coatings with

Figure 5 Effects of biaxial compressive/tensile stresses on the hardness of
TiN coatings deposited by magnetron sputtering at a low pressure of 0.3 Pa
(3 × 10−3 mbar). Data from [40].

hardness 72 GPa deposited at a low pressure of 0.5 Pa have
a high compressive biaxial residual stress of ∼7 GPa; upon
annealing at 650◦C the hardness decreases to 17 GPa [41].
It should be noted that some test results have shown that
there is no well-defined correlation between compressive
stresses in coatings and observed nano-hardness values
[42].

Although residual stress has no effect on its intrinsic
hardness of a coating, the apparent or measured values of
hardness are affected by the presence of residual stresses,
as shown in Fig. 5. In addition, such residual stresses will
influence the buckling and delamination of the interface
between coating and substrate [43]. To alleviate this prob-
lem, Veprek [44] proposed a genetic design concept for
superhard nanocomposite coatings based on thermody-
namically driven segregation in binary and ternary sys-
tems that are stable even at temperatures up to ≥ 1000◦C.
The condition for spinodal decomposition can be repre-
sented by:

∂2�G0(A1−x Bx )

∂x2
< 0 (4)

where �G0 is the free energy of formation of a mixed
phase A1−xBx, and x is the composition of phase B (for
more details about spinodal decomposition, see [44–46]).
The deposited nanocomposite coatings have a small com-
pressive stress less than 1 GPa [3].

3. Modeling and simulation
One of the fundamental principles in materials science is
that the mechanical and physical properties of materials
are closely related to their structures at various scales. For
example, to understand the origin of Young’s modulus, we
focus on structures at the atomic level. But, for proper-
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ties of plasticity and fracture, we focus on the movement
of dislocations and defects like cracks and voids at the
micro-level. As discussed above, hardness is the ability
of one material to resist being scratched or indented by
another. Unlike elastic modulus, the origin of hardness
and superhardness is not so easily defined at the atomic
scale, and there is no unequivocal correlation between
elastic modulus and hardness. In fact, hardness is more
closely related to the yield strength of a material. For
simplicity, we ignore the detail microstructures of grains
in a polycrystal and treat it as a continuum. In terms of
the upper-bound theorem [47], we have H = 3σ y. Gen-
erally, H = (2.6 ∼ 3.0)σ y, where σ y is the tensile yield
strength, and a correction factor is needed for materials
with work-hardening. For a harder material, the hardness
can be estimated from its yield strength using the Marsh
relationship [48]:

H

σy
= a + b

3

3 − λ
ln

(
3

λ + 3µ − µλ

)
(5)

where a and b are constants, µ = (1+ν)σ y/E, λ =
6(1−2ν)σ y/E, and ν is Poisson’s ratio. An approximate
estimation on nc-TiN/a-Si3N4 coatings gives: Hmax ≈
0.117E, where the measured Young’s modulus E is ap-
proximately 450 to 550 GPa in the region of maximum
hardness. Thus, the maximum hardness value of more
than 45 GPa can be obtained [42].

It has been shown that the mechanical properties of
nanocomposite coatings, such as hardness and abrasive
wear-resistance, can be substantially improved owing to
the pseudo-plastic deformation caused by nano-grain ro-
tation, complex grain boundary, amorphous structures,
and even the formation of intrinsic stresses in thin films
etc. Undoubtedly, the question on the origin of super-
hardness of nanocomposite coatings is very complex, and
thus it is necessary to identify the key parameters. Ac-
cording to dimensional analysis (noting that hardness has
the dimension of stress) [49, 50], a generalized functional
relationship can be written as:

H

σy
= f

(
σy

E
, ν, n,

t

d
, . . .

)
(6)

where n is a work-hardening exponent, d and t are two
characteristic lengths of microstructures at the nano-scale
or atomistic-scale, such as the grain size of nano-crystals
and the thickness of amorphous boundary. Here, it should
be pointed out that the mechanical properties of thin films
or coatings may be very different from those of their bulk.
Next, we focus our attention on several models in order to
illuminate, at various length scales, likely superhardening
mechanisms.

3.1. Continuum mechanics models
Intuitively, the structure of superhard nanocomposite
coatings at the nanometer scale is still a continuum [51], as
shown in Fig. 6. Thus, a natural attempt to understand the
origin of super-hardness is based on conventional fracture
mechanics scaled down to the dimension of nano-cracks,
in combination with a low concentration of possible flaws
introduced into a coating during its preparation [30, 46,
52–54]. The latter is a consequence of self-organization
due to the thermodynamically driven formation of stable
nanostructures.

In the first approximation, let us suppose that there is
a nano-crack in the microstructure of a superhard coating
like nc-TiN/a-Si3N4 formed during the fabrication process
or caused by the internal misfit stresses under an applied
tensile stress [55]. According to Griffith’s energy criterion
[56], the critical stress σ c, which causes the nano-crack
to grow, is σc ≈ √

Eγ /a, where E is elastic modulus,
γ is surface free energy, and a is crack length. Because
the size of a nano-crack, in randomly oriented nanocom-
posites, can be only a fraction of the crystallite grain
(about 1–2 nm), the stress concentration factor of such an
atomically sharp crack is very low (2 ∼ 4) and the critical
stress needed to propagate the nano-crack can approach an
extremely high value. Further, given that the nano-crack
opens, the deflection and branching during its growth, due
to the obstacle of the nearest neighbor nano-crystals, will

Figure 6 High resolution TEM image of a 50-nm-thick TiN/SiNx film with
a Si content of 11.4 at.% shows that the TiN nanocrystallites are embedded
in an amorphous SiNx matrix, where the inset is the selected area electron
diffraction pattern [51].
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Figure 7 First derivative of binding energy Eb against bond distance x,
where x0 is the equilibrium distance and xm is the critical distance at which
a bond would break. The inset shows the flexing of bonds across the interface
between nanocrystals [30].

lead to a reduction of the corresponding stress concen-
tration factor. Thus, the fracture of nano-composites due
to the formation and stable growth of nano-cracks seems
impossible, and other inelastic deformation mechanisms
should be responsible for their high hardness [30].

As shown in Fig. 1, the larger the elastic recovery, the
smaller the dissipated energy of plastic deformation and
the harder the nanocomposite coatings. The high elastic
energy density in superhard nanocomposite coatings can
be explained by a mechanism called “reversible non-linear
flexing” between nanocrystallites [30, 46]. Fig. 7 shows
the universal decohesion curve, that is, the dependence of
the restoring force (which is the first derivative of bind-
ing energy Eb versus bond distance x) on the deformation
of interatomic bonds. Here the bond dilation can exceed
10–20% of the equilibrium bond length, which is about
the limit of breaking an interatomic covalent bond. Thus,
the whole range 0 ≤ x < xm corresponds to reversible
nonlinear elastic deformation. A simple estimation shows
that the energy density of flexing can exceed that of linear
elastic deformation of conventional materials by a large
factor [52]. However, further work is needed to extend
this concept to account for the mechanism of plastic de-
formation, which is more closely related to hardness.

It is well-known that the yield or flow strength σ y of
polycrystalline materials increases as the grain size d de-
creases. This is the classic Hall-Petch relationship:

σy = σ0 + kd−1/2 (7)

where σ 0 is friction stress required to move dislocations
in single crystals, and k is a material constant [57,58]. The
hardness H of polycrystalline materials follows a similar
correlation so that:

H = H0 + kd−β (8)

where H0 is hardness of a single crystal or bulk sample, d is
average grain size or layer thickness, and β is an exponent
between 0 and 1. Numerous experiments have shown that
the Hall-Petch relationship is obeyed for coarse-grained
materials (down to ∼100 nm), which can be described
by the dislocation pile-up theory [59]. As grain sizes be-
come smaller, the effect of dislocation blocking, that is,
strengthening or hardening the material, increases. Pro-
vided that the Hall-Petch relationship was correct in the
nanometer range, it is not surprising that nanocrystalline
metals or ceramics could be used as candidates for super-
hard materials. Both experimental and simulation findings
indicated that, however, as the grain size is reduced to less
than 100 nm, the k values in Equations 7 and 8 tend to
decrease and in some cases even become negative, that
is, the hardness levels off or decreases at the nano-grain
sizes [59–63]. This is the so-called reverse Hall-Petch ef-
fect, as illustrated in Fig. 8. As grain sizes approach the
nanometer scale, the percentage of grain boundary atoms
also increases. For example, in a sample with grain di-
ameters of 20 nm, about 10% of atoms are located at
the grain boundaries [64]. In this region, the yield stress
increases with the decrease of grain sizes, and a larger ap-
plied stress is required because the pile-up contains fewer
dislocations. Let us assume that dislocation sources must
operate in each grain, an additional component of the yield
stress exists of at least Gb/d, where G is the shear modulus
and b is Burgers vector. Thus, the yield stress σ y at the
nanometer grain size should rise as d−1 [65], much faster
than d−1/2 as estimated by the Hall-Petch relationship in
Equation 7. That is, the mechanism based on dislocation
pile-up is no longer operative in such a material and plas-
tic deformation may be carried by atomic sliding in grain
boundaries rather than by dislocation motion [59–63].

Figure 8 Illustration of hardness or yield strength of a material as a function
of grain size, where two regions are revealed in which the deformation is
mediated by dislocation pile-up (coarse-grains) and grain boundaries (nano-
grains), respectively. The Hall-Petch relation works well for coarse-grained
materials, where dc is a critical length.
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Figure 9 Schematic illustration of microstructures along the shear plane in
a nano-crystal, where shaded bands correspond to boundary regions.

There is still no theory that can describe the entire
range of the behavior depicted in Fig. 8, several sim-
ple models, however, have recently been proposed to
understand the reverse Hall-Petch effect, in which the
triple junction volume, the size-dependent line tension,
and different deformation modes were considered [66–
69]. For example, Masumura et al. [70] assumed that
polycrystals with coarse-grains obey the classical Hall-
Petch relation in Equation 7, and for very fine grains,
the enhanced grain boundary diffusion (Coble creep) is
active and the yield stress σ y versus grain diameter d is
given by:

σy = Gb

d
+ Bd3 (9)

where B is Coble constant which is temperature and strain-
rate dependent [71 ]. It is further assumed that there is a
critical grain size dc at which value the Hall-Petch relation
switches to Coble creep based on the presence of highly
disordered grain boundaries [72]. The analytical results
compared well with experimental data from Cu and NiP.
The experimental evidence, however, is still lacking for
which the reverse Hall-Petch effect should be very sen-
sitive to temperature if the Coble creep mechanism is
correct.

Fig. 9 illustrates the sectional microstructure of a
nanocomposite coating along a shear plane, on which
shear deformation is composed of grain boundary slid-
ing. The shaded bands indicate the boundary region of
which the width t varies from one boundary to another
and its average is αt (here, α is about 2) [73]. Along the
shear front, the fraction of boundary region is αt/d and
that of crystalline region is (1−αt/d). Suppose that the
stresses propagate the shear front in the boundary region
and in the crystalline matrix are σ b and σ c respectively,
the stress necessary to propagate the shear front, which
is approximately proportional to hardness, can be written

as:

σ = σc − αt

d
(σc − σb) (10)

In most cases, σ c > σ b, hence, as the grain boundary
region increases the stress or hardness decreases, leading
to the reverse Hall-Petch relationship.

Recent investigations suggested that the hardening
mechanisms of nc-TiN/a-Si3N4 nano-composite coatings
involve two independent factors: the size-dependent yield
strength as discussed above and the morphology of nc-
TiN grains like the aspect ratio ρ (= length/width)
[74]. With an increase of silicon content, the colum-
nar structures of coatings gradually transfer to elongated
grains with small aspect ratio, as schematically illus-
trated in Fig. 10. To correlate hardness with microstruc-
tures, a 2-dimensional microstructural model was pro-
posed based on the work by Gao et al. [75], see inset in
Fig. 10g.

Elastic-plastic finite element simulations were per-
formed on a unit cell, in which the stress-strain relation-
ships of nc-TiN and a-SiNx were modeled by Hooke’s law
and the yield stress of nc-TiN was assumed to be depen-
dent on the grain size. It is further assumed that the nc-
TiN/a-SiNx nanocomposite yields if the effective stress
in one of the two constitutes reaches its yield strength.
Simulation results showed that, in the optimal regime
of 4.5 at.% Si content and the aspect ratio ρ ≈ 3 of
nc-TiN grains, the microstructure combines mechanical
confinement effects with load transfer between the two
phases of nc-TiN and a-SiNx (see Fig. 10) [74]. Here, it
is worth noting that the optimal content of silicon in nc-
TiN/a-Si3N4 nano-composites is closely related to their
deposition conditions. Hardness was reported to reach a
maximum of 50–60 GPa at silicon content of about 8–10
at.% when the nano-crystals were covered with about one
mono-layer of silicon [3, 44]. In contrast to that shown in
Fig. 10, the columnar structure vanishes when superhard
nanocomposites with the optimal composition are formed
[3].

For the same class of nanocomposite coatings, dis-
tinctly different microstructures were also observed at the
optimal silicon content as demonstrated in Fig. 11. The
high hardness regime in the 3–5 nm grain size range is
thought to be controlled by the as-formed new amorphous
phase, which acts as a barrier to dislocation motions, in
a 2-phase material comprising nanocrystalline TiN and
amorphous Si3N4 [76]. Similar behavior was also noticed
in nc-TiN/a-TiB2 coatings, whose 2-phase morphology is
clearly seen in Fig. 12 [13].

Thus, the relationships between the microstructures of
superhard coatings and hardness are still an unsolved
problem, and more studies are needed.
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Figure 10 (a)−(c) TEM images of nc-TiN/a-SiNx contains with 0.6, 4.7, and 11 at.% silicon content and (d)–(f) their corresponding schematic microstruc-
tures, respectively. (g) Experimental hardness versus Si content, and the inset shows the representative volume and unit cell models for the coatings, where
L is the length of a unit cell, U is the compressive displacement of the cell, l and d are the length and width of TiN grains, respectively [74].

3.2. Atomistic scale models and simulation
Relative to strength, a measure of the resistance of a
solid against failure, hardness is the resistance against
local plastic deformation, microscopically corresponding
to the motion of dislocations. Thus, a hard or superhard
nanocomposite coating must also resist fracture to be
useful in applications. As shown in Fig. 1, hard coat-
ings are characterized by large plastic deformation, but
superhard coatings are characterized by high elastic re-
covery. In nano-composite coatings, as the grain size of
nano-crystallites is reduced to several nanometers, dislo-
cation activities will be hindered in deformation processes
[60, 64]. Instead, shear band formation in the amorphous
phase, partial dislocation emission from the interface and
deformation twinning in nano-crystallites may be of im-
portance (see Fig. 8). Using high-resolution transmission
electron microscopy (TEM) and associated techniques,
experimental studies on the deformation mechanisms of
nano-crystals with grain sizes in the nanometer range have
recently gained a great deal of attention [59]. As the re-
sult of nano-scale and interface effects, several peculiar

deformation mechanisms, different from dislocation pile-
up, have been observed in nanocrystalline metals, such as
rotational deformation (disclination dipoles) in nanocrys-
talline iron [77, 78], deformation twinning in nanocrys-
talline aluminum [79], and grain boundary-mediated plas-
ticity in nanocrystalline nickel [80, 81]. However, TEM
requires samples to be thinned down to a thickness com-
parable to the grain size, which can induce structural re-
laxation and change of grain boundary structures. At the
same time, due to the difficulties in preparing high-quality
samples, experimental observation remains controversial
in many aspects. To-date, there is lack of a visualization
technique that allows non-intrusive investigation of grain
boundary structures during deformation.

With the rapid development of massively parallel com-
puting techniques, atomic-level simulations, such as lat-
tice statics/dynamics, Monte Carlo and especially molec-
ular dynamics, shed light on the study of deformation
mechanisms and provide novel insights into the struc-
tural and mechanical behavior of nanocrystalline mate-
rials, which is usually not available from experiments
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Figure 11 Illustration of hardness versus grain size for nc-TiN/a-Si3N4

coatings. The inset shows the microstructure evolution as the increase of Si
content (at.%).

Figure 12 Nanocrystalline TiN grains (∼ 4-5 nm) embedded in a thin
matrix of amorphous TiB2 observed by high resolution TEM [13].

[59]. One well-known example is the theoretically pre-
dicted material β-C3N4 with hardness comparable to that
of diamond [82]. Recently, to simulate the plastic de-
formation of nanocrystalline copper, molecular dynam-
ics simulations with a system size up to 100 million
atoms were carried out. The results indicated that the
flow strength exhibits a maximum at a grain size of 10
to 15 nanometers due to a shift in the microscopic defor-
mation mechanism from dislocation-mediated plasticity
in coarse-grained materials to grain boundary sliding in
nanocrystalline regions [62, 63]. In terms of first-principle
calculations, a mechanism was proposed to enhance the
hardness of multilayer coatings through restricting dis-

location movement in transition metal carbides by phase
stability tuning, which is contrary to conventional super-
lattices [83]. Molecular dynamics simulations have also
been widely applied in the study of tribological properties
of thin films at the atomic scale [84].

Based on the idea that the intrinsic hardness of covalent
crystals is equivalent to the sum of resistance to the inden-
ter of each bond per unit area, a semi-empirical formula to
predicting the hardness (in the unit of GPa) of a material
was recently given by Gao et al. [85]:

H = 350
N 2/3

e e−1.191 fi

d2.5
(11)

where Ne is electron density expressed in the number
of valence electrons per cubic angstroms (Å), fi is ion-
icity of chemical bond, and d is bond length in Å. As
to a superhard material, three conditions should be met:
higher bond or electronic density, shorter bond length,
and greater degree of covalent bonding [85]. Carbon in its
diamond polymorph meets the best combination of these
conditions, and has the highest value of elastic modu-
lus and hardness [86, 87]. This semi-empirical formula
also makes a connection between the hardness and first-
principle or ab initio calculation and is instructive to the
study of hardening mechanisms [85]. However, since their
work is based on the fact that atomic bonds are broken in
the process of an indentation, it is difficult to estimate the
hardness of nanocomposite coatings quantitatively only
by elastic parameters like bulk or shear modulus. A recent
study based on the density functional theory showed that
the theoretical fracture toughness, K ∼ (γ sG)1/2, where γ s

is the surface energy and G is shear modulus, may be used
to characterize the hardness of diamond and other brittle
materials [88]. According to Kisly [89], the work done
during an indentation includes four components: elastic
deformation, plastic deformation, formation and propa-
gation of cracks, and creation of new surfaces. Thus,
the hardness of a material depends on its bond energy,
bond covalence and bond length. In addition, the param-
eters describing plastic deformation and fracture, such as
Burgers vector, distance between neighboring slip planes
and critical crack length etc., are also of importance. Fol-
lowing the semi-empirical formula of Equation 11, the
hardening mechanisms of nano-crystalline Ti-Al-N solid
solution films were investigated [90]. The calculation re-
vealed that both intrinsic hardening and grain boundary
hardening had a negligible contribution for the films with
relatively low Al contents. As illustrated in Fig. 13, the im-
proved hardness in Ti-Al-N coatings originates primarily
from the effect of solid solution hardening.

Although these explanations for the superhardness of
nanocomposite coatings, in either macro- or atomic-
scales, are rather qualitative and concrete evidence is
somewhat lacking, the elevated hardness coincides with a
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Figure 13 Illustration of hardness versus grain size for (Ti, Al)N solid
solution. The inset shows the change of crystallinity with increase of Al
content.

reduced grain size or a high density of grain boundaries.
As shown in Fig. 11, hardness enhancement of nc-TiN/a-
Si3N4 nanocomposite coatings is due to strong restraint
imposed by the amorphous SiNx phase on the growth of
the nanocrystalline TiN grains. A modified Monte Carlo
Potts model for the grain growth of single-phase films was
used to simulate Ti1−x−ySixNy systems [51]. The simula-
tion results showed that amorphous SiNx prefers to adhere
to TiN grain-boundary due to the driving force caused by
the energy difference between TiN grain-boundary energy
and TiN/SiNx interfacial energy, and the SiNx matrix can
lead to a remarkable decrease of TiN grain sizes [51].

3.3. Multi-scale modeling
Although atomistic simulations have reached a level
that some mechanical behavior ahead of experiments
can be estimated, most simulations of deformation pro-
cesses are only performed under much higher stresses
and much shorter deformation times than in experiments.
Under longer deformation times, many other processes
take place in the grain boundary of nano-materials that
may change their microstructures during the deforma-
tion. The buckling and delamination process of nanocom-
posite coatings is a typical evolving and non-local dam-
age process with multi-scale nature as shown in Fig. 14.
Here, let us use nanoindentation fracture as an exam-
ple, The fracture of a coating/substrate system can be
viewed as three main stages (see Fig. 15): the first ring-
like through-thickness crack formation, delamination and
buckling around the contact area, and the second ring-like
through-thickness crack formation and spallation [43].
Fig. 16 shows the images of four nc-TiN/a-Si3N4 coatings
indented to different loads using a 5 µm radius spheri-
cally tipped nanoindenter [55]. Thus, it is necessary to
develop methods which can model material properties
across several length-scales. Roughly, attempts on multi-

Figure 14 (a) Dark-fields cross-sectional TEM image of a region showing
the onset of buckling in a compressed W thin films on Si(100) substrate. (b)
Cross-sectional image using focused ion beam analysis of the region from
a buckled telephone cord-like film. (c) Bright-field cross-sectional TEM
image showing a part of the film peeled off from the substrate.

scale modeling can be divided into two aspects: one is to
link simulation methods used at different scales and the
other is to find the so-called universal properties that are
independent of microscopic and macroscopic details.

Recent studies have coupled atomic-scale simulations
to finite element modeling to investigate dislocations [91].
Compared to conventional finite element analysis, the ma-
terial point method (MPM) may be a good candidate in
the study of film delamination and pattern formation dur-
ing a nanoindentation process, and further provide a better
understanding on the underlying physics [92]. MPM is a
mesh-less method, in which a solid body is discretized
to a collection of points as shown in Fig. 17 [16]. In this
method, the combination of Lagrangian and Eulerian de-
scriptions has proved useful for solving solid mechanics
problems including those with large deformations and ro-
tations. Moreover, MPM may also bridge finite element
analysis and molecular dynamics for multi-scale model-
ing. To show the potential of the method, a parametric
study was conducted to explore the effects of aspect ratio
and failure mode on the evolution of failure patterns in
superhard coatings under various loading and boundary
conditions [93].

Nanocomposite coatings subjected to external stress
display bursts of activity due to the nucleation and motion
of dislocations and cracks, buckling, and delamination.
This so-called crackling noise can be directly monitored
and recorded by an acoustic emission (AE) sensor. A
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Figure 15 Schematics of the three stages in nanoindentation fracture of a
coating/substrate system [43].

wide range of physical systems exhibiting crackling noise
have been studied in the last decade or so, and some uni-
versal behavior has been discovered over a huge range
of sizes [94]. As a nanocomposite coating approaches
an optimal performance, the AE energy-frequency fol-

Figure 17 Two-dimensional model of a nanostructured material. The atoms
in the centres of crystals and the boundary core regions are represented as
black and open circles, respectively [16].

lows a power-law distribution (see Fig. 18), that is, its
mechanical behavior is likely to be independent of mi-
croscopic and macroscopic details. Recently, AE signals
due to scratching superhard nc-TiN/a-Si3N4 coatings were
studied using a simple stick-slip model. The optimal in-
formation extracted from statistical analysis such as Si
content, deposition temperature etc., in terms of an en-
tropy maximum principle [95, 96], is in good agreement
with the nanoindentation and machining tests. The re-
sults imply that a better understanding of the origin of
superhardness may rely on only a few emergent material
parameters that describe the competition between differ-

Figure 16 Images of four nc-TiN/a-Si3N4 coatings indented to different loads using a 5 µm radius spherically tipped nanoindenter [55].
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Figure 18 AE signals from the scratching test on nc-TiN/a-Si3N4 coatings
(8.6 at.% Si and 400◦C deposition temperature) versus time and the cumula-
tive frequency-magnitude distribution P(>m) of AE events with magnitude
greater than m, where the slope of the solid line is −0.026 [97].

ent deformation mechanisms such as dislocation pile-up
in nano-crystalline grains and sliding/rotation of grains
within amorphous boundaries, or mechanical confinement
effects and optimal load transfer between phases. Using
superhard nc-TiN/a-Si3N4 coatings as an example, the
nc-TiN phase is sufficiently hard to bear the load whilst
the a-Si3N4 phase provides structural flexibility, in which
further increase in hardness requires blocking of grain-
boundary sliding by optimal design of their microstruc-
tures [74, 97]. It is this competition that causes the unique
mechanical properties of superhard nanocomposite coat-
ings.

4. Conclusions
For nanocomposite coatings to be superhard, three con-
ditions should be met in the viewpoint of continuum me-
chanics: high bulk modulus, high shear modulus, and low
density of flaws (nano-cracks or dislocations). The corre-
sponding conditions at the atomistic scale are: higher bond
or electronic density, shorter bond length, and greater de-
gree of covalent bonding. There have been great advances
in making connections between the macroscopic prop-
erties and atomistic- or nano-structures. But our basic
understanding of the origin of superhardness is far from
complete and many open questions remain. To tailor and
optimize the mechanical behavior like the hardness of
nanocomposite coatings, one of the most important as-
pects is to untangle their underlying mechanisms. Much
more research is needed on experimental observations at
the nano-scale, theoretical modeling and computer simu-
lations. The following aspects are worthy of further sys-
tematic investigations:

• study methods for hardness measurement of super-
hard, especially ultrahard, coatings including influ-
ences of size effect, substrate, tip roundness, residual
stresses etc;

• develop correlations between nanostructures and
their mechanical properties such as hardness;

• establish via both experiments and mechanics mod-
eling the deformation mechanisms of nanostructured
materials;

• identify the intrinsic origin of the superhardness of
nanocomposite coatings; and

• explore approaches and techniques to link simulation
methods at different scales.
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